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The Toughness of the Heat-affected Zone of Welds in
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University of Pretoria, Pretoria, South Aj;"ica

The impact properties of the heat-affected zone (HAZ) that develops in low-carbon
11,5 per cent chromium steels during welding are inferior to those of the base ma­
terial owing to a resultant large grain size and unfavourable transformation products.

The HAZ of four commercially produced 11,5 per cent chromium alloys was sim­
ulated when the specimens were subjected to a rapid healing and cooling cycle. The
Charpy impact properties of the weld-simulated specimens were determined at dif­
ferent peak temperatures. Specimens subjected to higher peak temperatures in each
case resulted in an increase in the ductile-to-brittle transition temperature (OBIT) of
each alloy. Despite small differences in the chemical composilions of the alloys
used, large differences in impact properties were measured. It was found that small
amounts of ferrite are detrimental to the impact properties. Although fully marten­
sitic structures resulted in the lowest DBTI, differences in the lath structure of the
martensite also had a marked affect on the DSTI.

Introduction

During the welding of 11,5 per cent chromium stainless
steels, the heat-affected zone (HAZ) in the parent metal can
be divided into two zones. A high-temperature zone
(HTHAZ) develops adjacent to the weld metal where the
temperature is sufficiently high to enter the single delta­
phase field. Depending on the heat input and the exact
chemical composition, the thickness of this zone is restrict­
ed and can vary in thickness from 0,2 to 1,0 mm. Owing to
the high temperature reached in the HTHAZ. grain growth
occurs. Adjacent to the HTHAZ there is a heat-affected
zone where the temperature exceeds the lower critical tem­
perature (AcI) but stays below the upper critical tempera­
ture (Ac4). The resultant grain size in this zone is also
much smaller than that in lhe adjacent HTHAZ. An exam­
ple of the HAZ that develops along the fusion line of a weld
in an 11,5 per cent chromiulll steel is shown in Figure 1.

Generally, the impact properties of the HTHAZ in a fer­
ritie stainless steel are inferior to those of the base
materiaP. In practice, the impact properties of this HTHAZ
are very difficult to assess, and the impact properties of
welds are critically dependent on the exact location of the
tip of the notch of Charpy specimens. In the case of 11.5
per cent chromium steel, the true brillieness of this HTHAZ
is not usually measured because of the protection provided
by the adjacent much softer, ductile austenitic weld metal.
Specially designed test specimens:! are required for an eval­
uation of the true impact properties of the HTHAZ.

This paper describes the work undertaken to elucidate the
detailed influence of the chemical composition. To avoid the
complication associated with the interpretation of the impact
properties of the HAZ in actual welds, the HAZ propelties
can best be assessed by simulation of the temperature cycle
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FIGURE 1 TIlc HAZ along the fusion line in an 11,5 per cent chromiUIll steel

to which the HAZ is subjected during welding3. By variation
of the peak temperature and time at temperature, and by
control of the rate of heating and cooling, the microstruc­
ture can be reproduced at any position in the HAZ of a
weld. Because a uniform microstructure that extends over at
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least 10 mm can be obtained by such a simulated heat treat­
ment, a study call be made of the inherent impact properties
of a steel at various positions along the HAZ of a weld.

Simulation of the HAZ
A transformer was used to pass a heavy electric current
through a specimen clamped between water-cooled elec­
trodes to simulate the thermal cycle experienced by different
parts of the HAZ during welding. A schematic diagram of
the apparatus that was used is shown in Figure 2. The current
that was necessary to simulate the high heating rate was con­
trolled by means of an auto-transfonner. To ensure repro­
ducible conditions. the cun-ent was terminated at the desired
peak temperature with a relay system, after which the speci­
men was allowed to cool naturally, most of the heat being
conducted away by the water-cooled electrodes.
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FIGURE 3. Temperature-time profilc recorded during simulation to II peak
temperalure of 1380 "C

Pt-I't.IJ.Rh

FIGURE 2. Schematic diagram or the HAZ simulator

The electrical current was controlled to give the same
heating rate (160°C per second) that the HAZ of a 5 mm
thick plate will experience during welding, based on the
temperature-lime profiles of Ashby and Easterling'. The
cooling rate was controlled so that the cooling time between
800 and SOD °C in the simulated HAZ cOlTesponded to that
of an actual weld produced by a heat input of 2,5 kJ/mm.
The cooling rate was controlled by variation in the distance
between the two water-cooled electrodes. To simulate the
structure of the HAZ some distance from the fusion line, it
is necessary not only to use lower peak temperatures but
also to lower the heating and cooling ratess.

Five different peak temperalUres were used to simulate
the microstructure of different portions of the HAZ. These
temperatures, which are shown in Figure 13, were selected
to be just below the Ac I temperature (830°C), well within
the stability zone of the austenite phase (1000 0C), below
and above the Ac 4 temperature ( I 125°C and 1295 °C), and
well within the stability zone of the delta-ferrite phase
(1380 0c) close to the liquidus temperature. The liquidus
temperatures of the different alloys used were determined
by heating until melting occurred. These temperatures varied
between 1430 and 1450 °e. Testing was limited to a peak
temperature of 1380 °C to ensure that local melting did not
occur during the simulation process. Comparison of the
microstructure of a simulated HAZ with that of an actual weld
adjacent to tbe fusion line showed close correspondence.

The heating and cooling rates, and the peak temperatures,
were perfectly reproducible, the recorded peak temperatures
differing by less than ±1 0c. A record of a simulated ther­
mal cycle is shown in Figure 3.
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Experimental Procedure
Charpy impact specimens were prepared from rolled sheets
of four different commercially produced 11,5 per cent
chromium alloys. The chemical compositions of the alloys
are shown in Table L The alloying elements not shown are
virtually the same for all the alloys. The specimens were
prepared with the specimen axis along the rolling direction,
and the notch machined through the thickness perpendicular
to the rolling direction (crack divider orientation). The
specimens were 5 mill thick and were machined according
to ASTM standard E 23-82 for sub-sized specimens.

TABLE I
THE CHEMICAL COMPOSITIONS OF THE SPECIMENS AND CERTAIN

TRANSFORMATION !'ROPERTIES DERIVED DURING WELD SIMULATION

Elcmenl D C B A

C 0,025 0.022 0.023 0.021

S 0.004 0.006 0.006 0.006
p 0.018 0.023 0,027 0.030

Mn 1.04 0,49 0.98 0.94

S; 0.39 OAI OAO 0.87

C, 11,10 11,07 11,55 12,18

N; 0,46 0.85 0.19 n.1?

Nb 0.003 0.005 O,<X}4 0.286

N 0,0197 0,0154 0.0138 0,0324

Ad 815 835 825 -
A,4 1200 1200 1170 -
Ms 445 445 390 -

1'1' 7.9 8.0 10.0 14.0

Kaltcnhauser fernlc fllctor (FF) = %Cr + 6%SI + 8%TI + 4%Mo + 2%Al +
4%Nb - 2%Mn - 4%Ni - 40% (C + N)

A minimum of 8 specimens were used for every simula­
tion temperature. The V-notch for the impact tests was
machined after the simulated heat-treatment cycle. The duc­
tile-to-brittle transition temperature (DBTI), equivalent to
an impact energy of 25 J for standard-size specimens. was
determined by Charpy impact testing. After the impact test­
ing, one half of each specimen was sectioned along the
rolling direction for metallographic and hardness (HV 30)
examination. For this purpose, the specimens were alter­
nately polished and etched to reveal the grain boundaries
and transformation products, a modified Kalling's no. 2
etchant being used.
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FIGURE 6. The inDuencc or the peak simulatioll temperature on the
cquivalenl 25 J OBIT

peak temperature. The Charpy impact properties at a peak
simulation temperature of 1380 °C are shown in Figure 5.

For simulation treatments at lower peak temperatures, the
equivalenl25 J DBTTs versus lhe peak temperatures during
simulation are shown in Figure 6.
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Microstructures after the simuhHion are shown in Figure 7.
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Instantaneous rat~ of heating and coohllg
FIGURE 4. Graph of temperature versus instantaneous rale or healing and
cooling for an 11.5 per cenl chromium ~pccimen. showing Ihe onsel of dif­

ferenl phase lransformalions during weld simulalion.

In the determination of fracture modes, the fracture sur­
faces of the impact specimens were examined by scanning
electron microscopy (SEM).

During the simulated heat treatment, differential thermal
analysis was used in the determination of the dynamic tem­
peratures for Ac 1 (ferrite to austenite start), Ac 4 (austenite
to della-ferrite start), and Ms (martensite start) of the differ­
enl alloys during the rapid heating and cooling cycles. The
technique relies on the enthalpy change associated with a
phase transformation.

For this purpose, the instantaneous rate of heating or
cooling was obtained by differentiation of the temperature
signal by means of an electronic differentiator. The critical
temperature of a phase change was determined from inflec­
tions in the heating and cooling rate curves on an X-Y
recording as shown in Figure 4.

Results
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Impact Properties
There are marked differences in the impact properties of the
different alloys that were simulation-treated to the same
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FIGURE 5. Charpy impact energy as a function ortcsling tcmperulurc
urtcr liimulation 10 a peak temperature of 1380 DC

FIGURE 7. PhOlographs of the microstructures after simuhuion 10 1830 DC
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microvoid coalescence (dimples) characteristic of a ductile
fracture (Figure 9). In this case, the specimen was fractured
10°C below the equivalent 25 J DBTI, at which tempera­
ture the felTite fractured in a brittle, transgranular-cleavage
fracture mode.

Hardness Measurement
Figure II shows the variations in hardness with increasing
peak simulation temperature, The hardness values for alloy
A are much lower owing to a general ferritic structure as
against ferritic-martensilic structures in the other alloys.

FIGURE 10, SEM fraclographs of the fracturcd surfaces of al1ays
B. C. and D frac.:tured at the transition temperatures 60. 50. and 0 0 C

respectively

FIGURE 9. SEM fractographs of alloy A fractured at 90 DC

In the case of alloys B, C, and D, the fracture of speci­
mens at the DBTI was in all instances mainly by cleavage.
The cleavage facets on the fractured surfaces of alloys B, C.
and 0 are visible on the SEM fractographs shown in Figure
10. The dimensions of the cleavage facets in most cases
match the dimensions of the austenite gruins.
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Alloy A was ferritic throughout the thermal cycle, with
the exception of small amounts of grain-boundary austenite
that fanned during cooling and that was transformed to
martensite on cooling below the martensite temperature.

After simulation to a peak temperature of 1380 °C, alloy
B had a duplex structure consisting of 40±5 per cent ferrite
and 60±5 per cent martensite as determined by point-count­
ing analyses. The other two alloys, C and D, had fully
marlcnsitic structures, with less than 5 per cent ferrite in
alloy D.

FIGURE 8. Photographs of the microstruclUre of alloy A aftcr simulation
to 830 DC. 1125 DC. and 1380 DC

Grain Size
It is well known that an increase in the ferrite grain size
usually results in an increase in the DBTT6. The increase in
the ferrite grain size of alloy A as a result of simulation
treatment at higher peak temperatures is shown in Figure 8.
The inferior impact properties of this alloy after high-tem­
perature simulation can be attributed to an excessive ferrite
grain size,

The average ferrite grain size resulting from the simula­
tion treatment to a peak temperature of 1380 °C was about
360 ~m.

In the case of the martensitk structures, the DBTT prop­
erties are only indirectly related to the grain size of the
austenite from which the martensite fOnTIs. In the case of
alloys B. C, and D, it was difficult to determine the austen­
ire grain size uncqui\'ocally. At the highest simulation tem­
perature, the grain size varied between 70 and 110 ~m and
could not be directly related to the impact properties,

Fractography

In the case of alloy A, fractographic examination by SEM
showed that the grain-boundary martensite fractured by
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Chemical Composition

There are no major differences in the chemical composi­
tions of the four alloys. However, the minor differences in
the concentrations of the alloying elements, highlighted in
Table I by the bold print, was sufficient to result in different
amounts of martensite and ferrite in the final microstruc­
tures. The higher chromium and niobium contents of alloy
A resulted in an almost fully ferrilic structure, with only
minor quantities of grain-boundary martensite.

The relatively large amount of niobium in alloy A result­
ed in the formation of niobium carbo-nitride precipitates,
which probably pinned the grain boundaries at low peak
simulation temperatures. Solutions of these precipitates at
higher peak simulation temperatures' probably led to the
abnormal grain growth and the resulting large grain size.
The equivalent chromium contents or ferrite numbers of
alloys C and D were such that martensite was the main con­
stituent after cooling.

In both alloys. the transition from brittle to ductile
behaviour occurred over a greater temperature interval for
specimens with a transverse orientation. Tllis behaviour is
typical for rolled materiaC. Despite this difference, the
equivalent OBIT of alloy 0 was unaffected. In the case of
alloy B, which contained some delta~fcrrite, the OBIT for
the longitudinal and transverse orientation differed by 20 °c.

Discussion
During actual welding, portions of the HAZ closer to the
weld metal would be subjected to higher peak temperatures
and higher heating and cooling rales. The increase in the
DBTT with increasing peak simulation temperature can
therefore be related to the impact properties of the HAZ of
an actual weld, Qualitatively, the X-axis of Figure 7 (peak
simulation temperature) can therefore be related to the dis­
tance along the HAZ of an actual weld. For the same heat
input, the width of the zone in the HAZ. which can be
expected to be embrittled, would be a maximum for alloy A
and a minimum for alloy D. The width of the embriltled
zone would also be affected by the heat input, and the
smallest embrittled zone can be expected with a minimum
heat input.]

The phase transformations during HAZ simulation and
lhe resulting structures can be related to a schematic phase
diagram shown in Figure 13. There, the Kaltenhauser ferrite
factorS, which is an empirical formula relating the influence
of different alloying elements on the stability of ferrite, was
used as a parameter of the chemical composition. A higher
ferrite factor indicates greater ferrite stability, and conse­
quently less austenite will form during cooling after a simu­
lation heat treatment. Less martensite is therefore ex.pected
in the HAZ after cooling to room temperature.

The gamma loop on the schematic phase diagram in
Figure 13 shifts to higher temperatures and to the left dur­
ing high heating rates as the Ac I and Ac4 temperatures,
determined during a simulation treatment (Table I), indi­
cate. Alloy B was therefore cooled through the dual phase
(delta-ferrite + austenite), and subsequently a large amount
of delta-ferrite was retained in the final structure. In the
case of alloy A, the dynamic Ac 1 and Ac 4 temperatures
could not be established accurately as a result of the low
percentage transformation that occurred during the rapid
heating and cooling cycle.
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The decrease in the simulated HAZ hardness observed in
alloys Band D after simulation treatment at the highest
peak temperature (1380 'c) is due to the retention of some
delta-phase ferrite in the structure. The delta-ferrite in the
structure of alloy D was observed only after simulation to a
peak temperature of 1380 'c.

Rolling Direction
The properties of alloys Band D, with longitudinal and
transverse orientations to the rolling direction, are shown in
Figure 12. These specimens were heat-treated by a HAZ
simulating cycle with a peak temperature of 1380 °c.
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FIGURE 12. Charpy impact energy of alloys Band Dafter HAZ sirnuhllion
to a peak temper:tlurc of 1380 "c. The rc...ults arc given for specimens with

a longitudinal (L) and transverse (T) oricnl:lliOll 10 the rolling direction
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Conclusions
The heat treatments that simulated the HAZ of welds in
low-carbon 11,5 per cent chromium steels showed a pro­
gressive increase in the DBTT as simulation was carried out
to higher peak temperatures. However, there were large dif­
ferences in the OBIT in steels of similar chemical compo­
sition but significantly different ferrite factors. The pres­
ence of small amounts of ferrite in the structure was detri­
mental, and acceptable DBITs were attained only when the
HAZ had a fully martensitic structure. Even in the case of
fully martensitic structures, there were still important dif­
ferences in Ihe DBTI, which can be related to the prior
austenite grain size and the fine substructure of the marten­
site (lath width and packet size). The slate of the carbon and
nitrogen, which was not clear in this instance, can also have
a significant influence on the impact properties. The results
nevertheless indicate that it is possible to produce low-car­
bon 11,5 per cent chromium steel with acceptable tough­
ness in the HAZ after welding if close control is exercised
over the composition.

Kaltenhauser ferrite factor
FIGURE J 3. Schematic ph:lSC diagram with Lhe calculalcd ferrile faclor

(FF) as a compositional parameter
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The small amount of retained delta-ferrite in the structure
of alloy 0 after a peak simulation temperature of 1380 °C
(in comparison with 1295 DC, which gave a fully marten­
silk structure) resulted in a comparatively large increase in
the OBIT. This indicates that even small amounts of delta­
ferrite are detrimental to impact propcrties9.

Usually, the presence of martensite in the HAZ of a weld
influences the impact properties negatively by initiating
fracture3,9,IO. However, in very-low-carbon 11,5 per cent
chromium steels, the martensite that forms is comparatively
soft and ductile in comparison with martensite with a higher
carbon content 11 , The austenite which nucleated on the
delta-ferrite grain boundaries eventually transforms to com­
paratively tough martensite on these grain boundaries3. This
is borne out by the fractogmphs shown in Figure 9, which
indicate a ductile (micro-void coalescence) fracture mode
for the grain-boundary martensite in comparison with the
cleavage of the ferrite. Increasing amounts of martensite in
the structure cause an increase in hardness and, consequent­
ly. in the stress to which the remaining delta-ferrite is sub­
jected, increasing the probability of cleavage. Increasing
amounts of martensite, therefore, do not result in a propor­
tional decrease in the OBIT.

Even in the case of fully martensitic structures (alloys C
and D simulated at 1295 0e), there were still large differ­
ences in the DB1I. Differences in the austenite grain struc­
rures and in the martensite substructure (lath width and
packet size), as well as the presence of retained austenite on
Jnlh boundaries l2 , could affect the OBIT of a fully marl~n­

sitic structure.
The martensite substructure of alloy D, for example, was

much finer than that of alloy C after simulation treatments
to the same peak temperature. The SEM fractographs of
alloys C and D showed larger cleavage facets on the frac­
lured surface of alloy C.
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